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ABSTRACT: We utilize recently introduced chemically speciﬁc but coarse-grained models of
poly(ethylene oxide) (PEO) and poly(methyl methacrylate) (PMMA) to explore the inﬂuence
of monomer architecture on the dynamics of supported thin polymer ﬁlms based on molecular
dynamics simulations. In particular, we contrast diﬀerences in the molecular packing and
mobility gradients in these materials near the substrate and “free” interface regions. As
expected, relaxation is generally enhanced in the free surface region relative to the ﬁlm interior
(and bulk), and the degree of enhancement is similar for both PEO and PMMA. However, the
dynamical changes near the substrate are more sensitive to monomer structure, and are
enhanced with increasing polymer−substrate interaction strength, ε. PMMA is relatively stiﬀ
compared to PEO and has a side group of appreciable size, and we ﬁnd that the dynamics of
PMMA near the substrate are slowed signiﬁcantly more in comparison to PEO for the same
substrate. Substrate interactions lead to a notable diﬀerence of local fragility near the substrate
that appears to arise from a higher cohesive interaction strength of the PMMA chains in this
region. Our data also reveal the inadequacy of the these coarse-grained polymer models to
reproduce the experimentally known diﬀerences in the fragility of these materials. However, this technical shortcoming is not
expected to alter our qualitative conclusions regarding the comparative eﬀect of substrate interactions on relatively ﬂexible polymers
such as PEO versus a relatively stiﬀ polymer such as PMMA.

■

INTRODUCTION
It is generally appreciated that the molecular mobility of thin
polymer ﬁlms near interfaces can be signiﬁcantly modiﬁed
from the bulk.1−7 Both experimental and computational
studies have sought to quantify the eﬀect of the interfacial
mobility gradient near the interfaces through estimates of the
local glass transition temperature Tg in the interfacial
region,8−10 the ﬁlm (shear) viscosity η,11,12 segmental
relaxation time6,13−24 of the entire ﬁlm, and average molecular
diﬀusion coeﬃcient in thin ﬁlms.25−27 Theoretical studies28−33
have also shed light on the molecular origin of these changes in
dynamics near interfaces. There is a general consensus that
linear polymers near their “free” interfaces exhibit an enhanced
mobility in the this interfacial region,12,16,34−39 while the
molecular mobility near the substrate can be either enhanced
or diminished, depending on the interaction between
supporting substrate and polymer.34,40−44 The highly mobile
layer at the polymer−air interface can be “liquid-like” in terms
of mobility even when the temperature T is below the Tg of
polymer ﬁlm as a whole,4,45 while the mobility near a highly
attractive substrate is normally diminished near the supporting
substrate. As a result, the overall properties of the supported
polymer ﬁlm reﬂect the competition between the dynamics of
the free and supporting substrate.40,46−48 On the other hand,
since polymers can be built from a myriad of monomer types,
sequences of diﬀerent monomers, and topologies (e.g., linear,
ring, star, or comb), we expect the resulting interfacial mobility
© 2020 American Chemical Society

to depend on the details of the speciﬁc polymer monomer
structure and topology, as well as the structure, surface energy,
and stiﬀness of the substrate.49−53 Recent molecular dynamics
studies have shown that the glass-formation can be signiﬁcantly
altered in ring54 and star polymers,55 and there are ongoing
measurements by many groups showing that polymer topology
(rings,56,57 stars,58,59 bottlebrush polymers60) greatly aﬀects
the Tg of thin ﬁlms, even changing the sign of Tg deviation
relative to their bulk values with conﬁnement.
Motivated by these considerations and observations, we
consider the role of monomer structure in altering the
interfacial mobility gradients in glass-forming ultrathin polymer
ﬁlms. We examine the degree to which a monomer structure
alters dynamics near interfaces (free interface or substrate).
Understanding how monomer structure aﬀects the structure
and dynamics in thin ﬁlms should enhance the tailoring of their
use in particular applications. Furthermore, to eﬃciently design
polymer materials for applications, a fundamental understanding of the structure−property relationships is required.
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ﬂexible polymers such as PEO could be weaker than in
relatively stiﬀ polymers (such as PMMA), and our simulations
results are also consistent with experiment. We emphasize that
the presence of boundaries changes packing locally and gives
rise to gradients in mobility and associated gradients in
fragility, so we need to be careful in applying trends found for
bulk materials to the properties of thin ﬁlms, especially in the
case of highly attractive substrates where the mobility gradients
can be expected to be large. We will see that the fragility
changes near the substrate are inﬂuenced by substrate
interaction strength and monomer structure, and they are
not accounted for by correlations between packing and fragility
in the bulk material, so that fragility trends in thin polymer
ﬁlms are more subtle than those in bulk materials. Moreover,
this eﬀect should be distinguished from the “conﬁnement
eﬀect” describing the diﬀerence in the properties of thin ﬁlm
and its bulk counterpart. Speciﬁcally, previous experimental
work73 and simulations61,74,75 have indicated a stronger
conﬁnement eﬀects for polymers with more ﬂexible backbone,
when comparing free-standing thin ﬁlms to the bulk material.
Based on these observations, we ﬁnd that there is indeed a
signiﬁcant diﬀerence in the molecular packing of PMMA and
PEO ﬁlms. Despite the diﬀerences in the packing, and the
distinct monomer structures of PEO and PMMA, we ﬁnd that
the overall average relaxation dynamics of both of these
polymer ﬁlms to be only weakly impacted when the polymer−
substrate interactions are only moderately attractive. Given the
experimentally known diﬀerences in fragility of PEO (relatively
strong) and PMMA (relatively fragile), one may expect a larger
diﬀerence in the dynamics on of these ﬁlms conﬁnement;
however, the models used to simulate PEO and PMMA
materials have nearly the same fragility in the bulk, an
unfortunate shortcoming of the models that we did not
anticipate. Although the quantitative comparison between
PEO and PMMA then has limited value from the experimental
standpoint of these particular materials, the comparison of the
eﬀect of side groups remains of interest in relation to how
boundary interaction and monomer structure inﬂuence
polymer properties near solid substrates. An examination of
the dynamics in three diﬀerent regions of the ﬁlm (near the
substrate, near the free interface, and in the interior) is
instructive. As expected, the interior of the ﬁlm dynamics is
rather similar to the bulk material, while the free interface
region has enhanced dynamics, and the substrate layer has
greatly diminished dynamics relative to the ﬁlm interior when
the boundary interaction is highly attractive. Despite the
diﬀerence in molecular architecture and chain rigidity, the
dynamics near the free interface of both materials is rather
similar, suggesting that the enhancement at the free surface is
only weakly dependent on chain structure. On the other hand,
the relaxation near the ﬁlm−substrate is signiﬁcantly slower for
the PMMA ﬁlm. This eﬀect can be ampliﬁed by increasing the
polymer−substrate interaction strength, which shows that the
relaxation of PMMA near the substrate is much more strongly
aﬀected than that for PEO. In other words, the temperature
dependence of relaxation near the solid substrate of the
PMMA ﬁlm is more sensitive to the substrate due to the
molecular packing associated with its side group and relative
chain rigidity. Our ﬁndings suggest that changes to dynamics
near the free interface is relatively insensitive to monomer
structure, while conﬁnement by a strongly interacting substrate
magniﬁes the polymer-speciﬁc properties in the substrate
interfacial region. Of course, the study of further polymers will

From a technical prospective, the supporting substrate can
alter the molecular packing and mobility near the substrate
surface due to the variations of the interactions between
diﬀerent chemical groups in the polymer chain and the
substrate. However, the precise inﬂuence of the boundary
interaction on the interfacial dynamics when the monomer
structure is also varied is not well-understood. On the other
hand, there has been considerable progress investigating the
eﬀects of polymer chemical structure on the dynamics of bulk
polymers. Studies on bulk polymers have shown that the
stiﬀness of the backbone of a polymer chain, and the size,
length, and stiﬀness of the side chain play important roles.61,62
For example, changing the relative rigidity of the side chains of
polymers in comparison to the backbone is known to alter the
fragility of glass-formation−a measure of the steepness of the
temperature variation of relaxation time of the glass-forming
material.63 In general, either a high backbone stiﬀness or high
stiﬀness of the backbone relative to the side groups leads to an
increase in Tg and fragility, if the cohesive interaction is ﬁxed.
This general trend has been established by theoretical and
experimental studies on bulk polymers by Dudowicz et al.,62
Stukalin et al.,64 and Kunal et al.65 Of course, polymer
molecular mass and topology (ring, star, bottlebrush, and
structures, etc.) are also important, as these molecular
parameters can also alter molecular packing eﬃciency.54,55,66,67
The extension of these relationships to thin polymer ﬁlms and
polymer nanocomposites where there are large gradients in
mobility can exist is not obvious.
Recently, Hsu et al.68 investigated the inﬂuence of
conﬁnement on supported ﬁlms of two commonly studied
polymers, poly(methyl methacrylate) (PMMA) and polystyrene (PS) molecules by molecular dynamics simulation. This is
a particularly interesting comparison, as these polymers have
similar fragilities and glass transition temperatures in the bulk,
yet the glass transition temperature Tg of these polymers is
known to exhibit a diﬀerent sensitivity to conﬁnement. The
simulations of Hsu et al. suggested that the diﬀerence in the
ﬁnite size eﬀects of these polymer ﬁlms was due to the
inherently diﬀerent stiﬀnesses of the side groups of PMMA and
PSthe PMMA side group having larger amplitude of
ﬂuctuations than that of PS.
The present work uses molecular dynamics simulations of
coarse-grained poly(ethylene oxide) (PEO)69 and PMMA70
models developed in previous literatures to investigate the
eﬀect of monomer structure on the structure and dynamics of
thin ﬁlms near both free interface and substrate. The ﬁlm−
substrate interactions mimic those of a silicon substrate; we
also consider a case where we artiﬁcially double the interaction
strength with the substrate to compare the sensitivity of
polymers with diﬀerent monomer structure to the substrate
interactions. In experiments, PEO and PMMA have rather
different Tg values and fragilities in the bulk;71,72 namely, PEO
has a considerably lower Tg and fragility than PMMA, and
PEO is susceptible to crystallization. In the classiﬁcation
scheme of Dudowicz et al., PMMA corresponds to a polymer
having a relative stiﬀ backbone and ﬂexible side groups (SF
model), while PEO has relative ﬂexible backbone and no side
groups, which can be categorized into a class of polymers with
ﬂexible backbones and ﬂexible side groups (FF model). The
packing of the ﬂexible polymers is, in most cases, relatively
eﬃcient compared to polymers with stiﬀ backbone as noted
before. By the same argument, the eﬀect of the substrate
interaction strength on Tg and the dynamics of thin ﬁlms of
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Our work advances the understanding of monomer structure
on the interfacial structure and dynamics of thin polymer ﬁlms
and should be useful in developing a general understanding of
the design and engineering of thin polymer ﬁlms with speciﬁc
properties related to glass-formation, i.e., fragility, glass
transition temperature, etc. and our work is also complementary to the contribution of Hsu et al.68
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smaller bead. In this polymer model, the backbone bead has
mass 85.1 g/mol and the side group bead has mass 15 g/mol.
Clearly, both of these polymer models are highly coarsegrained, but we study these models to gain some qualitative
insights into how monomer structure might aﬀect the
dynamics of supported polymer ﬁlms.
Our simulations are limited to polymer chains long enough
to be considered “polymeric” molecules but short enough to be
unentangled. The entanglement molecular mass of PEO is
2000 g/mol, corresponding to roughly 45 CG monomers;78 for
PMMA, the entanglement molecular mass of PMMA is 11800
g/mol, corresponding to about 118 CG monomers.79
Accordingly, we use chain lengths that are slightly less than
half the entanglement length; speciﬁcally, we use 20 monomers
per chain for PEO and 50 monomers per chain (100 CG
beads) for PMMA to avoid entanglement eﬀect on the melt
dynamics. The resulting bulk materials have a Tg for PEO that
is substantially lower than that for PMMA, consistent with
experiments. We discuss the computational deﬁnition of Tg
later in the manuscript. The persistence length, characterized
by the bond orientation correlation functions, of PMMA is
larger than that of PEO. Speciﬁcally, the persistence length is
approximately 7.7 Å for PMMA and 5.4 Å for PEO in the bulk,
and these values depend weakly on temperature. In other
words, the model PMMA is substantially stiﬀer than PEO. We
describe the quantiﬁcation of the persistence length of our
model polymers in the Supporting Information. The ﬂexibility
of PEO plays an important role in diﬀerences with PMMA.
For supported ﬁlms, we use an explicit supporting substrate,
rather than a smooth wall. We choose parameters for the
substrate to mimic that of a (111) face of a FCC silicon lattice.
Beads of the substrate are tethered by a spring force to the
ideal locations of a (111) face with spring constant k = 16.7
kcal·mol−1 Å−2, keeping the particles near their equilibrium
position. The initial values for interaction strengths between
the polymer beads and the substrate are estimated from the
components of the surface tension and the work of adhesion
for a silicon substrate and polymer ﬁlm.80−82 We provide a
detailed description of these interfacial interaction strengths in
the Supporting Information. The resulting interfacial interaction strength ratio ε ≡ εps/εpp ≈ 1, which corresponds to a
neutral substrate since the substrate−polymer interaction is
similar to the polymer−polymer interaction strength. To
investigate the dependence of the structure and dynamics of
the ﬁlm on the substrate interaction strength, we also consider
a strongly attractive substrate interaction strength ε ≡ εps/εpp
≈ 2.0, where we double the nonbonded interaction strength
between each polymer and the substrate. Speciﬁcally, the
Lennard-Jones interaction strength parameters between the
polymer beads and the substrate particle εps for both substrates
are tabulated in Table 1. In the case of PMMA, we double the
interaction strength between each type of bead and the
substrate bead; the resulting substrate eﬀect may diﬀer if the
backbone and side group interactions did not scale in direct
proportion. We use the term “neutral” to describe the substrate

■

MODELING AND SIMULATION
Our ﬁndings are based on molecular dynamics (MD)
simulations using previously introduced coarse-grained models
of atactic PMMA70 and PEO.69 The primary diﬀerence
between these polymers is the presence of a single side
group bead in PMMA, as illustrated in Figure 1; this ﬁgure also

Figure 1. (Left) Depiction of all-atom PMMA with shadows of
coarse-grained beads. The blue shadows represent backbone beads,
and the yellow shadows are the side group beads. (right) Visualization
of all-atom PEO with light red circle overlays the atoms that represent
coarse-grain site for PEO model. Hydrogen is indicated as white,
oxygen is red, and carbon is gray. The molecules are visualized using
VMD76 and rendered using the Tachyon ray tracing library.77

provides a “cartoon” image of the coarse-graining of the
atomically described monomers. We choose to use this coarsegrained representation to allow us to more readily simulate the
large time scales associated with the approach to the glass
transition. The physically appropriateness of these models
must be assessed after the results they produce and we discuss
the limitations of these models in the Conclusions. PEO has a
relatively ﬂexible backbone and no side groups. In the CG
model, each bead represents a C−O−C sequence along the
backbone; the end bead, although not a C−O−C sequence, is
coarse-grained in the same manner as the repeat units, and
each bead has mass 44 g/mol. The PMMA model is a slightly
more complicated coarse-grained model, utilizing two-beads
per monomer, where the backbone atoms are combined into
one bead, and the side group atoms are modeled by a second

Table 1. Lennard-Jones Parameters for PMMA, PEO, and Substrates
Materials

Bead

εpp (kcal/mol)

σpp (Å)

εnatural
(kcal/mol)
ps

εenhanced
(kcal/mol)
ps

σps (Å)

εss (kcal/mol)

σss (Å)

PEO
PMMA

−
backbone
side group

0.807
0.500
1.500

4.300
5.500
4.420

0.981
0.462
1.387

1.962
0.924
2.774

3.410
4.450
3.915

1.037

3.410
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density proﬁle ρ(z) in Figure 2 as a function of the distance z
from the ﬁlm−substrate. For the case of PMMA, we separate

interaction strength for the case when the nonbonded
substrate interaction strength is within 25% of the nonbonded
interaction strength of backbones, and “strong” when the
substrate interaction strengths are more than 25% greater. For
the clarity of the paper, we refer to substrate parametrized by
the experimental properties of silicon as the natural substrate,
and the artiﬁcially enhanced attractive substrate as the
enhanced interaction substrate. The strongly attractive interface corresponds to an atomically smooth interface having an
adhesion energy about 100 mJ/m2.51
Both bulk systems and supported ultrathin ﬁlms are
simulated for comparison purposes. Simulations were
performed using the large-scale atomic/molecular massively
parallel simulator (LAMMPS)83 molecular dynamics package.
For bulk systems, periodic boundary conditions are used in all
directions. The system size is N = 6000 coarse-grained beads
for PEO and N = 10000 beads for PMMA (5000 backbone
beads and 5000 side group beads). Our bulk polymer is
prepared by the following protocols: (1) Starting from a high
temperature, we cool the bulk system at a rate of 10−4 K/fs
using the NPT ensemble with ⟨P⟩ = 0, and then heat at the
same rate. (2)We take the conﬁgurations from the heating run
at T above the temperature where there is a kink in the
potential energy (indicating that the system should be in
equilibrium for this cooling/heating rate). We then simulate
isothermally in the NPT ensemble with ⟨P⟩ = 0 for 200 ns to
determine the mean box size. (3) We adjust the box size to the
mean value just determined and brieﬂy equilibrate in the NVT
ensemble for 1 ns to relax any eﬀects from the small
adjustment of box dimensions. We then collect conﬁgurations
for 200 ns in the NVT ensemble for our data analysis. For
ﬁlms, periodic boundaries are employed for the directions
parallel to the ﬁlm interface. To obtain the initial
conﬁgurations for isothermal data collection of our thin ﬁlms
supported by the natural substrate, we ﬁrst perform cooling
and reheating simulations of ﬁlms using a cooling/heating rate
of 10 K/ns. To obtain the initial conﬁguration for the
isothermal data collection simulations, we take a conﬁguration
from the heating run at the desired T (above the ratedependent Tg deﬁned from the kink in potential energy), and
then perform a very short additional equilibration of this
conﬁguration for 1 ns prior to the data collection. For PMMA,
the duration of data collection is 100 ns for T ≥ 410 K, 200 ns
for T = 400 K 400 ns for T = 390 K, 1000 ns for T = 380 K,
and 1400 ns for T = 370 K. For PEO, the duration of the data
collection run is 200 ns for all T. For the substrate with the
enhanced interaction strength, we use the conﬁgurations from
the weaker attractive strength as initial conﬁgurations, which
we then equilibrate for an additional 100 ns for PEO, and an
additional 300 ns for PMMA (longer than PEO because, as we
shall see, the substrate relaxation of PMMA is dramatically
slowed). Following this preparation equilibration, we then
conduct data collection for another 100 ns. We provide
additional simulation details on the bulk polymers and thin
ﬁlms in the Supporting Information.

Figure 2. Density proﬁle ρ of (a) PMMA and (b) PEO ﬁlm as a
function of distance z from the substrate at T = 1.1Tg for both
substrate interaction strengths. The solid curves represent the density
proﬁle of the ﬁlm as a whole. Curves for the side group and backbone
density for PMMA are shifted vertically for the clarity of the ﬁgure.

the contributions to ρ(z) into the backbone and side group
bead. The most notable diﬀerence between the ﬁlms is that the
peak in density near the substrate is considerably more
pronounced for PEO (peak ρ = 4.5 g/cm3) than for PMMA
(peak ρ = 3.7 g/cm3). Additionally, the primary peak for
PMMA is split, with a weak prepeak that occurs at z = 3.4 Å
and a larger main peak at z = 7.5 Å. Further inspection of ρ(z)
for PMMA shows that the ﬁrst peak is associated with the side
group beads, and the second is from the larger backbone beads.
In the case of PEO, a stronger substrate interaction strength
results in an increase of the density in the layer closest to the
substrate in Figure 2b as expected. In contrast, for PMMA,
increasing the substrate interaction leads to a small decrease in
the magnitude of the ﬁrst peak from the density proﬁle and an
increase in the second peak of the density proﬁle in Figure 2a.
This unexpected behavior is a result of the relative backbone/
side group-substrate interaction strengths and the diﬀerential
masses of backbone and side group beads. Speciﬁcally, for the
strongly interacting substrate, the interaction strength between
the side group bead of PMMA and substrate bead εsub−sg =
2.77 kcal/mol is signiﬁcantly stronger than the polymer−
polymer interaction (εsg−sg = 1.5 kcal/mol, εbb−bb = 0.5 kcal/
mol), where sg stands for side group and bb stands for
backbone. As a result, the side group adheres to the substrate
better than the backbone beads. We observe this eﬀect as the
increase of side group density near the substrate for the
enhanced substrate interaction strength as shown in Figure 2a.
However, the eﬀect on the total density proﬁle is more
nuanced. Since the side group is directly connected to the
backbone bead within the same monomer, the backbone beads
that connect to the side group near the substrate contribute to
the signiﬁcant increase of the backbone density around z ≈ 7

■

RESULTS AND DISCUSSIONS
Before we contrast the dynamical behavior of these polymer
ﬁlms, it is a useful reference point for our discussion to
characterize diﬀerences in the density proﬁles of these two
ﬁlms. The density proﬁle is helpful to understand any
diﬀerences that might be attributable to variations in the
local density of these materials. Accordingly, we show the
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Å. By the same logic, the ﬁrst peak of the backbone density
proﬁle decreases. Furthermore, the mass of backbone bead 85
g/mol is also notably heavier than the side group (15 g/mol).
Thus, overall, the ﬁrst peak in the total density proﬁle is
dominated by the backbone bead, and this peak decreases for
stronger substrate interaction strength. Below, we shall see
below that this diﬀerence in the packing of backbone and side
group beads at the surface is reﬂected in the dynamic behavior
near the substrate. Additional details about the diﬀerences in
local ﬁlm structure are provided in Figure S1 in the Supporting
Information.
The role of interfacial dynamics becomes increasingly
important to the overall dynamics of ultrathin ﬁlms as ﬁlm
thickness decreases since a greater relative fraction of the
material is in the interfacial region where the density and
compressibility are altered from their bulk values. Thus, we
ﬁrst characterize the relaxation behavior of the ﬁlm as a
function of distance from the substrate z. For this purpose, we
use the self-part of the dynamic density−density correlation
function (also known as the incoherent intermediate scattering
function),
Fs(q , t ) =

1
N

N

Figure 3. Relaxation time proﬁle τ(z) of ﬁlms supported by the
natural substrate in black and the enhanced interaction substrate in
red. The black dotted line indicates the relaxation time of the bulk
polymer at the same temperature (T = 1.4 TBulk
g ). (a) Relaxation
proﬁle of PMMA ﬁlm. We also show the relaxation proﬁle of
backbone and side group separately in Figure S6 in the Supporting
Information. (b) Relaxation time proﬁle of PEO ﬁlm. The bulk
polymer relaxation time for PMMA and PEO is obtained from their
respective reference bulk system.

∑ exp[iq·(rj(t ) − rj(0))]
j=1

(1)

where rj(t) is the position of the jth particle at time t and N is
the total number of monomers. We evaluate Fs(q,t) at wave
vector q0 = 1.48 Å−1 for PMMA and q0 = 1.5 Å−1 for PEO,
corresponding to the nearest neighbor periodicity retrieved
from the ﬁrst peak of S(q) in Figure S3 in the Supporting
Information. Following common practice, we deﬁne the
relaxation time τ as the time when Fs(q0,t) reaches the ﬁxed
value, 1/e (i.e., Fs(q0, τ) = 1/e). Alternatively, τ can also be
evaluated by ﬁtting the scattering function to a stretched
exponential, which results in nearly the same value. To extract
the position dependence of τ, we evaluate Fs(q,t) conditioned
on monomer position at the time origin (t = 0); since
monomers move only a fraction of a diameter over the
relaxation time τ, our data do not qualitatively diﬀer if we
condition the position based on the position at time t = 0 or t
= τ.84 Representative data for Fs(q,t,z) are shown in Figure S5
the Supporting Information. We show the resulting layerresolved relaxation time τ(z) in Figure 3. As observed in many
prior studies, τ is smallest near the free surface, while τ is
largest near the solid substrate; the middle region of the ﬁlm
has a nearly constant value for τ, which nearly coincides with τ
of the bulk material. Figure 3 also reveals some diﬀerences in
the relaxation proﬁle connected to the speciﬁc molecular
structures of PEO and PMMA. In particular, τ(z) increases
smoothly near the substrate for PEO, but this quantity
saturates for the layers nearest the substrate in PMMA.
Referring back to the density proﬁle (Figure 2), we see that the
side group beads are preferentially located near the substrate,
and so this behavior reﬂects the fact that the dynamics of the
side groups dominate the behavior at the substrate. The
saturation of τ thus occurs because the side group beads relax
more readily than those of the backbone, owing to their
smaller size and mass. Indeed, the ratio of the backbone-to-side
group relaxation time essentially follows the square-root of the
mass ratio, as expected. That said, the PMMA relaxation time
near the substrate (z ≲ 2.5 nm) is still considerably slower than
that in the ﬁlm middle. The relaxation at the “free” interface
does not show any particular dependence on the polymer

molecular structure. We note that the saturation of τ near the
substrate persists even at high T when there near substrate
polymer readily equilibrates fully, and thus the qualitative trend
is not a result of possible nonequilibrium eﬀects. Figure 3 also
shows how the relaxation time τ behaves for two representative
strengths of the substrate interaction “neutral” and “strong”
(enhanced) polymer−substrate attraction, a point that we will
return to below.
The eﬀects of the mobility gradient in the ﬁlm can be more
easily understood by grouping the relaxation proﬁle into three
regions: free surface layer (top 1 nm of the ﬁlm), middle layer
(≈ 3 nm), and substrate layer (bottom 1 nm of the ﬁlm).
Figure 4 shows the time dependence of Fs(q,t) in each of these
three regions. In the case of the enhanced substrate interaction
strength, the formation of the slow-moving “bound” layer near
the substrate gives rise to an additional relaxation process in
Fs(q0,t) described in the literature.52,85 As a result, Fs(q0,t) can
be well-described by the superposition of three distinct time
scales−short-time vibrational relaxation, α relaxation, and slow
“bound” relaxation. We show in the Supporting Information
that the bound relaxation time from the three-scale ﬁr to
Fs(q0,t) corresponds to the relaxation time of the substrate
layer, and the τ from the 1/e criterion deﬁned above is nearly
the same as the α relaxation. Thus, the 1/e criterion used on
Fs(q0,t) for each ﬁlm region is adequate to capture the
relaxation time of a particular region. As anticipated from the
relaxation proﬁle, PEO and PMMA have a similar fast
relaxation behavior at the free interface (red curves) and the
substrate layer relaxes the slowest. We compare the relaxation
of the ﬁlm interior with the bulk material (black solid and
9658
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Figure 4. Incoherent intermediate scattering function Fs(q0,t) of PEO
and PMMA supported by the natural substrate at temperature T/TBulk
g
= 1.1 in three diﬀerent regions of the ﬁlm: near the substrate (blue),
the interior (black), the free surface (red), and the bulk (dashed
gray). The free surface has the fastest relaxation, followed by the bulklike interior, and then the substrate in blue relaxes the slowest.
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Figure 5. Temperature dependent relaxation time τ(T) of (a) PMMA
and (b) PEO for the overall ﬁlm (gray) and each region: free surface
(red), interior (black) and substrate layer (blue). The open symbols
represent the ﬁlm with the natural substrate interaction and the ﬁlled
symbols represents the ﬁlm supported by the enhanced interaction
substrate. For ﬁlms with the enhanced substrate interaction, we only
show the relaxation time for the substrate region for the clarity of the
ﬁgure, since the interior and free surface regions have nearly identical
relaxation time to that of the natural substrate. The ﬁlm thickness for
both materials is ≈5 nm.

dashed lines, respectively), and we ﬁnd that their relaxation
behaviors over all time scales are nearly identical.
To assess how these local diﬀerences in dynamics impact the
glass-forming behavior of these materials, we evaluate the
temperature dependence of α relaxation time τ(T) in each
region of the ﬁlms and how these behaviors are altered by the
interaction strength with the substrate in Figure 5. We ﬁrst
consider the behavior in the free surface layers of the ﬁlms. As
expected, the relaxation time near the free surface layer is
signiﬁcantly faster than the interior, while the relaxation time
of the ﬁlm interior is nearly identical with that of the bulk
material, both in the case of PEO and PMMA. Moreover, τ(z)
near the middle and free interface regions is not aﬀected by the
change of substrate−polymer interaction strength in either
PMMA or PEO ﬁlms. Of course, if the ﬁlms were thinner (≲30
Å), the substrate interaction strength would likely have a
greater inﬂuence on these free surface layers.40,50
The similar changes in the free surface layers of PEO and
PMMA are contrasted by diﬀerences in the sensitivity of
relaxation to the substrate interaction. Both PMMA and PEO
dynamics are slowed near the substrate, as shown by the
relaxation proﬁle of Figure 3. However, the response to the
increasing substrate interaction is diﬀerent for these two
materials. Speciﬁcally, both Figures 3 and 5 show that the
strongly attractive substrate aﬀects PMMA dynamics more
signiﬁcantly than those of PEO. In particular, τ grows much
more rapidly on cooling in PMMA, so that for T ≲ 550 K, the
near substrate polymer relaxation time exceeds values that are
accessible to our simulations in equilibrium. In other words,
the near-substrate layer of PMMA exhibits a far greater
sensitivity to the boundary interaction than PEO, and it is an
eﬀect that only becomes more pronounced on further cooling
toward the glass transition. Because equilibrium simulation
time scales are limited to T much higher than the experimental
Tg, the eﬀect of the substrate region fragility on the overall
fragility of the ﬁlm is not substantial; the eﬀect would be more

pronounced near the experimental Tg. This eﬀect would also
probably be more pronounced in experiments, since the
fragility of real PMMA in the bulk is substantially larger than
PEO,86−88 a diﬀerence that present models do not reproduce.
In spite of this quantitative limitation of the PEO model, we
can still observe the impact of diﬀerences in the side groups
and backbone ﬂexibility on ﬁlm dynamics and structure near
the substrate. At temperatures where the near-substrate layer
relaxation time exceeds our data sampling duration, the free
surface layer and the middle layer results are generally still
reliable, because the relaxation time in these regions is almost
completely decoupled from the very slow near-substrate layer.
This behavior has been observed in previous simulations of
bound polymer near the ﬁlm−substrate or nanoparticle (NP)
interface in polymer−NP composites.52,85
Since PMMA has a much higher Tg than PEO in the bulk,86
it is helpful to compare these systems relative to their
respective Tg and bulk relaxation times. Experimentally, Tg is
frequently deﬁned at the temperature at which the relaxation
time reaches 100 s (or τ(Tg) = 100 s) in experiments. Since
this time scale is inaccessible computationally, we deﬁne a
computational glass transition temperature by τ(Tg) = 1 ns in
the bulk material. Based on this Tg deﬁnition, the bulk
materials have Tg = 270 K for PEO, and Tg = 389 K for
PMMA, qualitatively consistent with the experimental Tg
trends for these polymers. In the ﬁlm supported by the natural
substrate, both PEO and PMMA exhibit small reductions in
overall ﬁlm Tg of ≈5 K for the ﬁlm thickness (≈ 5 nm)
investigated here. For the enhanced substrate interaction
strength, the PEO ﬁlm has a 9 K increase in Tg, and the
PMMA ﬁlm has an 8 K increase in Tg compared to their
9659

https://dx.doi.org/10.1021/acs.macromol.0c01413
Macromolecules 2020, 53, 9654−9664

Macromolecules

pubs.acs.org/Macromolecules

Article

work by Vogt and co-workers reported a reduction of Tg for
ﬂexible polymers for thinner ﬁlms, while the stiﬀ polymer has
little change of properties on conﬁnement. Simulation work by
Shavit and Riggleman74 and Simmons and co-workers75 found
that the bulk fragility decreases for stiﬀer polymers, and freestanding ﬁlms of stiﬀer polymer have a reduced conﬁnement
compared to that of ﬂexible polymers. We also note that the
interaction energy between these polymers and the enhanced
substrate is approximately 2.3 times that with the natural
substrate for both polymers (see details in the Supporting
Information). The fact that both systems show the same
increase of interaction energy suggests that this thermodynamic quantity alone is insuﬃcient to understand the
diﬀerences in the changes of dynamics.

respective bulk value. The magnitude of the reduction is
smaller than observed in the experiments due to the fact that
the cooling rate in our simulations are many orders of
magnitude faster than that in experimentsan inherent
constraint shared by computer simulations. Figure 6 shows

■

CONCLUSIONS
As anticipated from many earlier works, the relaxation of
supported polymer ﬁlms on solid substrates exhibit common
trends, such as the slowing of relaxation near a solid supporting
substrate with suﬃciently large attractive interactions. That
said, the intensities of these conﬁnement eﬀects, which
normally have opposing contributions on the average
relaxation time and the kinetic glass transition temperature
Tg of the ﬁlm as whole, are system dependent.40 Work by
Torkelson and co-workers89 has suggested that conﬁnement
eﬀects on ﬁlm dynamics depend strongly on the fragility of
glass-formation, a result that is plausible from the interpretation of fragility variations observed in the bulk associated with
variations of packing frustration with monomer structure under
the constraint of ﬁxed or slowly varying cohesive interaction
strength.90 In particular, polymers exhibiting strong glassformation are then naturally expected to have a weaker
conﬁnement eﬀect than fragile glass-formers, since strong glassformers tend to exhibit less packing frustration.62,64 Our
original intent was to test this scenario by using polymers with
signiﬁcantly diﬀerent fragilities. However, because the
simulation model for PEO and PMMA unexpectedly had
nearly identical fragility, we are limited to contrast the role the
side group complexity plays. The anticipated relation between
fragility and conﬁnement eﬀects, which might hold reasonably
well for free-standing ﬁlms, neglects the fact that having a
strongly interacting boundary means that the cohesive
interaction strength can no longer be considered ﬁxed in the
ﬁlm. This boundary interaction eﬀect, which is not considered
in the arguments of Torkelson and co-workers, appears to be
crucial in our present study.
To contrast the diﬀerence in dynamics of these two
materials, we compared their relaxation times, normalized by
their respective glass transition temperatures and relaxation
times in bulk. The dynamical property changes for the ﬁlm as a
whole are similar in both the PEO and PMMA ﬁlms, despite
their diﬀering monomer architecture and the resulting
diﬀerences in molecular packing near interfaces, in the case
where the polymer−substrate interaction strength is nearly
“neutral”, i.e., attractive polymer−substrate interactions
compensate the repulsive hard core repulsions analogously to
the Θ solvent conditions of polymers solutions where
polymer−polymer attractions compensate the hard-core
polymer−polymer repulsions, indicates that simulated molecular architecture only has a modest eﬀect on the relaxation of
the polymer ﬁlm. We further examine the dynamics in three
diﬀerent regions of the ﬁlmnear the substrate, near the free
interface, and in the interiorto determine the impact of the

Figure 6. Normalized relaxation time of (a) PMMA and (b) PEO of
the ﬁlm as a whole (gray) and in the ﬁlm regions for the natural
interaction substrate: the air−polymer interfacial region (red), the
interior (black), and the substrate interfacial region (blue) as a
function of temperature normalized by their bulk Tg. The hollow
symbols represent the substrate interfacial regions with the enhanced
substrate interaction. We only show curves for the substrate region in
the case of the strong interaction substrate for the clarity of the ﬁgure
since the interior and free surface regions have nearly identical
relaxation time to that of the natural substrate.

that, in both cases, the relative change of ﬁlm relaxation of each
region have a qualitatively similar normalized T dependence.
Thus, even though there are signiﬁcant structural diﬀerences
between PEO and PMMA, changes to relaxation time as a
function of normalized T are comparable. In other words,
when the substrate interactions are comparable or weaker than
that of the polymer material, the scaled changes to the
relaxation proﬁle depend only weakly on the polymer material
(at least for this limited comparison set). This suggests that
changes to glass-formation in thin polymer ﬁlms should follow
a “quasi-universal” behavior when the polymer−substrate
interactions are weak, moderate, or absent (free-standing
ﬁlm), and that the dynamics of the ﬁlm interior should be
rather similar to the bulk system. This expected near-universal
behavior should clearly fail near the substrate when the
interaction strength becomes signiﬁcantly larger. Indeed,
PMMA shows a much larger increase in τ (larger fragility)
near the substrate than PEO for the enhanced interaction
substrate. We expect that PMMA is more sensitive to the
conﬁnement at a substrate with the strongly attractive
interaction due to its relatively stiﬀ backbone and the presence
of a side group that aﬀects local packing. We emphasize that
the conﬁnement eﬀect discussed here refers to the variation of
local fragility with increasing substrate interaction strength for
diﬀerent materials. This problem is distinct and yet closely
related to the “conﬁnement eﬀect” frequently discussed in the
literature, where this term typically refers to the deviation of
the bulk material properties upon geometric conﬁnement
through thin ﬁlm or nanopore etc. For example, experimental
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interfaces on the overall ﬁlm. For a weakly attractive substrate,
the faster dynamics near the free interface are almost
completely compensated by the slow-moving substrate region
of the ﬁlm in both materials, resulting in overall ﬁlm dynamics
that are similar to that of the ﬁlm interior and thus the bulk
material. This is another sense in which the boundary
interaction can be considered to be nearly “neutral”. More
importantly, the relaxation behavior of PMMA near the
substrate is far more sensitive to substrate interactions. In
particular, we ﬁnd that the relaxation time of PMMA near the
strongly attractive substrate has a more substantial increase
than that of the PEO, this eﬀect being so large that the
substrate region is out-of-equilibrium on the computationally
accessible time scales of our simulations. The large changes in
the local dynamics (and associated changes in fragility) likely
derive from alterations in the barriers for activated transport
associated with changes in the molecular cohesive interaction
strength in the interfacial region. Interestingly, the enhanced
packing near the boundary that might be expected to reduce
fragility based on recognized trends in the bulk material, but
instead it has the opposite eﬀect in the solid substrate region.
These results indicate that we must be careful in extending
trends in fragility with molecular structure in the bulk to thin
ﬁlms, and the same caution must extend to polymer
nanocomposites where strong interactions can be expected
to inﬂuence the intrinsic cohesive interaction strength of the
ﬂuid for reasons having nothing to do with cooperative
dynamics in the material.
Both coarse-grained polymer models are parametrized by
matching the local structure, and the conformational properties
of the atomistic system are parametrized by matching with that
of a coarse-grained model. While these models seem to
reproduce the qualitative diﬀerences in the glass transitions of
PEO and PMMA in the bulk to a reasonable approximation,69,70 the methodology these models employed is
insuﬃcient to capture the rather diﬀerent fragilities of these
materials. This unanticipated shortcoming of these previously
established models limits our ability to show how a diﬀerence
in the fragility of glass-formation inﬂuences their sensitivity to
conﬁnement. Given the similarity of the fragility of our model
polymers, it is not surprising that many of our observations are
rather similar to previous comparative simulations of
polystyrene (PS) and PMMA,68 polymers known to have
similar fragilities and Tg values in the bulk. Even so, these
models do capture diﬀerences in fragility near the substrate
that we expect are realistic. Our results also suggest that the
similar fragility found for these polymers near the free interface
is likely a robust result−independent of the molecular
modeling methodology or chemical structure of the polymer.
It is evident that further work is required to capture the
fragility of glass-formation more faithfully in coarse-grained
molecular modeling of polymers. On the basis of our ﬁndings,
we suggest that the modeling of polymer side groups as
individual beads, or as polymers with no side groups, as in the
case of PEO, is overly simpliﬁed to capture the appreciable
change in fragility with changes in monomer structure seem in
real polymer materials. In the future, we suggest using the
generalized entropy theory (GET) to help guide the creation
of model polymers as having a variable number of side groups
whose relative stiﬀness compared to the chain backbone can be
varied as in real polymers. Recent simulations91 based on this
type of model indicate that increasing the stiﬀness of the
polymer side group relative to the polymer backbone has the
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eﬀect of reducing the polymer density in bulk, signiﬁcantly
increasing fragility and Tg in a proportional fashion, and
increasing the shift of Tg with conﬁnement. These observations
are all consistent with the view that fragility changes (at ﬁxed
cohesive interaction strength) are derived from packing
frustration changes. We ﬁnd these simulations to be highly
encouraging since this approach to coarse-grained modeling
oﬀers a strategy for improving the modeling of speciﬁc
polymers within a computationally tractable framework. We
plan to pursue these modeling improvements ourselves in the
future, as well as giving greater attention to addressing model
parameters through appropriate measurement information.
As a last remark, further work is required to understand the
fundamental origin of the inﬂuence of monomer architecture
on the dynamics of thin polymer ﬁlms. One approach would be
the systematic tuning of model parameters (such as the
backbone and side group stiﬀness and chain length) in a way
not possible in experiments. Since the PEO model that we use
does not formally have side groups, it is diﬃcult to quantify the
competing eﬀect between the side group/backbone stiﬀness.
Polymers like polycarbonate (PC), a stiﬀ polymer with a
relatively ﬂexible side group (SF polymer), would be
interesting alternative to study, since PMMA and PC both
have side groups, but diﬀerent degrees of backbone-to-side
group stiﬀness ratios, leading to diﬀerent experimentally
measured fragilities. By conducting more controlled simulations, one may uncover further details on the eﬀect of
molecular architecture on dynamical properties in thin ﬁlms.
There is also a need for better quantiﬁcation of packing
frustration in terms of metrics that are experimentally
accessible, given the signiﬁcance of this property for ﬁlm
dynamics. Xu et al.92 have suggested based on recent
calculations based on the generalized entropy theory, that
the thermal expansion coeﬃcient and isothermal compressibility should provide useful practical metrics for quantifying
packing frustration in measurement and simulation. For
example, recent ﬁndings have indicated that packing frustration
can be related to the thermal expansion coeﬃcient or the
isothermal compressibility in bulk materials,93 and we should
seek useful analogs of these properties in thin ﬁlms.
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